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INTRODUCTION 


Creep of crystalline solids has been the subject of many studies, and 

research in the past twenty years has lead to a clarification of the important 

mechanisms controlling creep at temperatures above about 0.4 T . The major 

factors influencing the steady state creep rate of polycrystalline metals 

and metallic alloys are the diffusion coefficient of atoms, the elastic modulus, 

(1-4) 

the subgrain size and the stacking fault energy . When the grain size is 

very fine (1 to 50pm) it too plays an important role^’^. 

Dispersion hardening is considered one of the most potent methods of 

(1-3) 

strengthening metals for elevated temperature service . The exact mech- 
anism for such strengthening, however, is not well understood. Two creep 
characteristics have generally been noted for dispersion hardened materials 
that seem to make them dissimilar from metals and metallic alloys. These are 
that the stress exponent, n, for creep is high^*^ ^ (generally greater than 
the value observed for metals that are controlled by a diffusion controlled 
slip creep process where n - 5) , and the activation energy for creep, Q, is 
usually greater than that for lattice diffusion^’^’^ . These two parameters, 
n, and Q, are determined from the relation, 

E = K o n exp - (1) 

where £ is the steady state creep rate, K is a material constant, R is the gas 

constant, T is the absolute temperature and a is the creep stress. 

In recent years the high activation energy observed for many dispersion 

hardening systems was resolved when the modulus variation with temperature was 

( 10 - 12 ) 

taken into account . This factor was shown to be important in pure 

(13) 

metals earlier . The modulus correction factor is directly proportional to 
the stress exponent, n, and is thus large for dispersion hardened alloys. 
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This correction yielded Q values which were equal to the activation energy for 
matrix self diffusion. This simplification permits rewriting equation (1) as 


£ = K D (a/E) (2) 

Li 

q l 

where D {= D exp - — ) is the lattice self diffusion coefficient and E is the 
Li OLi RT 

dynamic unrelaxed average Young's modulus. The stress exponent, n, was commonly 
noted to be about 7 to and at times considerably higher*" 16 ^. 

Several authors have attempted to rationalize high values of the stress 
exponent by introducing various factors. Barrett was among the first to 

* » V ^ 

point out that the measured stress exponent can be made to decrease by replotting 

data as log e/D_ versus log (a-CT ) where cf is a friction or threshold stress. 

L o o 

Wilshire and his colleagues' 1 attempted to explain steady state creep 

data for many crystalline solids with stress exponents greater than four by 
determining the appropriate to obtain the following generalized relation at 
a given temperature. 


e oc (o-o ) . 
s, o 


Wilshire and his colleagues then postulated that was ai "friction stress" 
which represents, the stress supported, by substructural factors other than 
the dislocations taking part in the creep deformation 1 process. The stress 
exponent of four is intended to indicate that a specific creep mechanism is 
operative, presumably “'one involving a diffusion controlled dislocation process. 
This concept, indeed, does have an attractive feature wherein a universal 
stress exponent apparently results. A negative feature to the approach is that, 
thus far, the value of O cannot be calculated, apriori, either from observed 
micros tructural features or from theoretical deductions, for any given metal 
system. Thus,, remains an empirical constant derivable only from doing 
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creep experiments. That is, the equation lacks predictive ability . Another 

objection to the proposed relation, equation (3), is that it is not applicable 

• n 

to the many metals that exhibit a power law relation £ s a Cf where n is a 


constant greater than 4 over many orders of magnitude of creep rate 


(4,22) 


In an extension of the Wilshire et al. approach to complex materials, 

(23) 

Evans and Harrison indicated the added complication that cf needs to be 

stress dependent if a power law relation is to be preserved. For optimal 

correlation of their data, the authors showed that n should be 3.5 rather than 

4. They also showed that a was linearly dependent on stress at low stresses 

but essentially constant at high stresses. Following the method of Wilshire 

et al. k , the value of was determined experimentally by decreasing 

the stress, after steady state creep was achieved at a given stress, to a 

stress where creep was considered to cease. The major uncertainty in the 

approach used by Evans and Harrison is the same as that mentioned earlier for the 

work of Wilshire et al. The value of cr , thus far, cannot be predicted without 

resorting to creep experiments. That is, it is not predictive. 

(24) 

Lagneborg and Bergman analyzed the creep behavior of precipitation- 

hardened alloys which exhibited n values close to 4 at low stresses and to 
about 10 at high stresses. They developed a dislocation model which lead 


to a relationship of the type given by equation (3) where O q represented a 
back stress due to the particle dispersion. The authors showed that cr^ was 
a constant at high stresses but decreased linearly with stress at low stresses. 
Although their model may be correct for the materials they studied, it cannot 

' r 

account for the typical behavior of dispersion hardening materials where the 


* The same objections are applicable to the approach used by Shewfeld and 
Brown( 2-0 i n their studies on Cu-Si 02 and CU-AI 2 O 3 dispersion hardened 
materials. They propose t a relation of the form e a exp A(a~a 0 ) where A and 
0 O are material constants which do not seem to be readily predictive. 
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stress exponent, n, is often either constant over a wide range of stress 
(1,14,15) or i ncreases magnitude with diminishing stress ' 

A different, and rather ingenious, concept was recently developed by Lund 
and Nix to explain the creep behavior of oxide dispersion hardened materials. 
They studied single crystalline dispersion strengthened Nichrome. Their work led 

them to conclude that the high strength of such oxide dispersion strengthened 

-> , 

alloys is due to the additive contribution of two terms: the stress to induce 
plastic flow in the matrix of the O.D.S. alloy (i.e., matrix" deyoid of particles) 
and the stress for dislocation bowing around the particles, i.e. the Orowan 
bowing stress. The latter stress is considered athermal and is called the 
threshold stress. For a given value of the diffusion compensated strain rate, 

£/D , their prediction is given mathematically as, 

Li 


cr| = a 

E| T-D Nichrome = E 


+ £ 

Nichrome E 


Threshold. 


(4) 


Lund and Nix show excellent prediction of their T-D Nichrome data by this 
approach. The signifcance of their idea is clear. It is predictive. Only two 
characteristics need be known, one is the steady state creep behavior of the 
matrix material. The other is a knowledge of the microstructure of the dis- 
persion hardened material (i.e. the mean free path between particles). 

Another method of" writing the Lund-Nix relation is as follows: 

4 s “ A D L hr>" ■ (5 > 

where n is the stress exponent for the matrix material (for Nichrome it is 
about 5) and A is the pre-exponential constant for the matrix material. 

Although the Lund-Nix approach for explaining the creep behavior of O.D.S. 
alloys is very plausible, there are two possible objections. The first is that 
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their approach would dictate that the general creep behavior of 
dispersion hardened material is the same as that of the matrix per se. This may 
not be so, inasmuch as the matrix material (e.g. Nichrome) exhibits primary 
creep which is a function of the stress (decreasing in magnitude of strain 
with decreasing stress) whereas the O.D.S, material (e.g, T-D Nichrome) exhibits 
virtually no strain hardening over a wide range of stress. A second objection 
is that the threshold stress seems to be more difficult to determine micro- 
s true turalJy than originally thought ^6) . 

The above general remarks indicate the various approaches used to analyze 
the behavior of O.D.S alloys. It is clear that although some rather important 
strides have been made recently, many questions remain unanswered. The purpose 
of this paper is to evaluate the creep behavior of T-D Nichrome, of different 
grain sizes and grain aspect ratios (G.A.R.) »over the temperature range 900 to 
1200°C. Tests were performed in compression in order to avoid complications 
arising from void and crack formation at grain boundaries during creep flow. 

Grain boundary separation, with low elongation to fracture, is a common 

(15) 

occurrence in such materials when tested in tension at elevated temperature 

In fact, Whittenberger has shown that small tensile strains during elevated 

temperature creep will lead to brittle intergranular failure during subsequent 

(27) 

testing at room temperature . It was thought that stress-strain curves 
obtained in compression could lead to stress-strain rate relations representative 
of plastic flow processes which would exclude complications arising from void 
and crack formation and grain boundary deformation. The resulting data are 
then compared with other published results on T-D Nichrome and analyzed in 
the light of contemporary ideas on the possible importance of atom mobility, 
subgrain and dislocation structure, threshold stress and grain aspect ratio on 
the creep properties of O.D.S alloys. 
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MATERIALS AND EXPERIMENTAL PROCEDURE 


T-D Nichrome was received from Dr. J. Daniel Whittenberger in the form 
of 6.35 mm (0.25 in) thick rolled plate as well as in 12.7 mm (0.5 in) extruded 
bar. The nominal composition of the material was 2% ThO^j 20% chromium and the 
balance nickel. These materials were made and processed by Fansteel Corporation. 

The thermal-mechanical processing history was proprietary and led to dissimilar 
microstructures. The plate exhibited a banded structure of particle-rich and 
particle-poor regions. The extruded bar exhibited a uniform distribution of 
thoria particles in the Nichrome matrix. 

Compression samples, 9.53 mm (0.375 in) in length and 6.35 mm (0.25 in) in 
diameter were prepared from the plate with the long axis in the longitudinal 
direction (of rolling) as well as in both the short and long transverse directions. 
Samples in the short transverse direction were made proportionately smaller. These 
samples were tested in the as-received condition and are designated as fine grain 
size samples in this paper. The grains were about 30pm by 70pm in dimensions 
giving a grain aspect ratio (G.A.R.) of about two. The as-extruded bar was heated to 
obtain a coarse grain size by heating from 1204°C (1200°F) to 1343°C (2450°F). 

The grains were about 100pm by 300pm in dimensions giving a G.A.R. of three. 
Compression samples were prepared of the same dimensions as for samples prepared 
from the plate. Samples were machined both in the longitudinal and transverse 
directions. t 

Tests were performed in compression in an Instron machine. Alumina push 
rods were used for compression testing. Boron nitride was used for lubrication 
and a Nichrome wound resistance heating furnace was used to heat samples in the 
range 900°C to 1200°C. All tests were performed in air. In a typical test the 
sample was heated to a fixed temperature and maintained at temperature for one 
hour. The sample was then deformed at a fixed crosshead speed until a strain 
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of about 3% was achieved at which point the strain, rate was then changed to a 
new strain rate. This procedure was repeated to a third strain rate. Testing 
was stopped at a total strain of 10 to 15%. A majority of the samples tested 
deformed quite uniformly (i. e. no macroscopic anisotropic flow occurred). The 
deformed samples were examined for evidence of cracking or sheared features. 

For transmission electron microscopy studies the as-received and deformed 
samples were cut in slices normal to the direction of compression by a low 
speed diamond saw (Isomet) . Discs with a diameter of 3mm were punched out 
from the center of these slices. These slices were then electropolished in a 
solution of 20% perchloric acid in ethanol in the temperature range of -15°C 
to -8°C. A Phillips 200 electron microscope was used, and a dark field tech- 
nique was employed to study the subgrain structure. 

RESULTS AND DISCUSSION 

A typical example of the true stress - true strain behavior of T-D Nichrome 
at elevated temperature is shown in Figure 1. The example shown is for coarse 
grained T-D Nichrome at 1000°C where the material is plastically deformed at 
various cross-head speeds. It will be noted that a small amount of strain 
hardening occurs initially, to about one percent, followed by little or no 
strain hardening, i.e. a steady state flow stress seems to be achieved. Sub- 
sequent tests on the same sample at both lower and higher strain rates than the 
initial rate revealed new flow stresses that were essentially invariant with strain. 
That is, the structure important to creep did not significantly change with 
straining irrespective of the stress level. Such results were typical of 
those obtained for the coarse grain size materials at all temperatures of 
testing, i.e. 900 to 1200°C. Tests were stopped when total true strains of about 
0.12 to 0.15 were reached. This was done because non-uniform compression flow. 
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in the form of barrelling, became visibly evident at strains exceeding £ - .15 
and the calculated stress under these conditions were not considered reliable. 
Longitudinal surface cracks* were occasionally observed at strains in the order 
of e ~ 0.15 only at 1200°C. 

Fine grain size T-D Nichrome behaved in a manner quite similar to the 
coarse grain size material in that no significant hardening or softening 
occurred during straining in the strain rate-change tests performed. Exceptions 
were fine grain specimens tested at 1200 °G, and occasionally at 1100°C, where 
strain softening was observed. No significant changes in micros tructure occurred 
after strain softening when samples were examined by electron microscopy studies. 
Thus, the origin of strain softening was not obvious but might be related to 
the banded microstructure noted in the fine grain T.D. Nichrome. 

The flow stress-strain rate data obtained from tests of the type shown in 
Figure 1 are recorded in Table I for fine grain size T-D Nichrome and in Table II 
for coarse grain size T-D Nichrome. The data at 1200°C for the fine grain size 
T-D Nichrome are the maximum flow stresses observed since strain softening occurred. 

Analysis of T-D Nichrome and Comparison with other Published Data 

The flow stress-strain rate data for fine grain size T-D Nichrome is 
plotted on a log-log scale in Figure 2. Data for all three test directions 
are included for all temperatures investigated. Three major findings can be 
noted. 

' ) 

The first is that no anisotropy in properties or in specimen shape werfe 
noted in the T-D Nichrome. That is, in spite of the grain shape anisotropy, this 
characteristic did not influence the creep properties or the specimen shape in 
the different directions of testing. This result would suggest that it is the 
structure within the grains that is controlling the creep strength of T-D . 

Nichrome during compression deformation. 
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The second characteristic noted for the fine grain T-D Nichrome is that a 
power law relation is obeyed over almost the whole stress range studied, where 
the stress exponent, n, is about eight. This particular value is the same as 
that observed in metals where the stress exponent was determined under constant 

(4) 

structure . This point will be discussed in detail in a subsequent section. 

The third observation is that the activation energy for creep [using equa- 
tion (1) ] is about 400 kjoules per mole, a value considerably above that for 
nickel lattice diffusion in Nichrome, Q = 285 kjoules per mole v . This high 

activation energy for creep is accounted for by the temperature variation of the 
(10-13) 

elastic modulus' . The influence of temperature on the modulus of nichrome 

containing thoria particles has been studied both in the polycrystallme form 
as well as in single crystalline form by several Investigators' ’ . These 

data are reported in Figure 3. The polycrystalline modulus data was used by 
us to assess the temperature dependence of creep. Thus, Figure 4 shows a plot 
of the fine grain size T-D Nichrome data as logarithm of the creep rate versus 
logarithm of the modulus compensated stress, a/ E. The activation energies for 
creep are given in parentheses at different stresses and temperatures. As can. 
be seen, the average activation energy is 270 kjoules per mole, a value essentially 
equal to that for nickel lattice diffusion in Nichrome. 

The coarse grain size T-D Nichrome behaved quite differently from the fine 
grain size material. A plot of logarithm e versus logarithm o/E is shown for 
the coarse grain size material in Figure 5. As can be seen, whereas the stress 
exponent is about eight at high stresses, it increses with decreasing stress and 
is in the order of 25 at the lowest stresses studied. Such a trend is indicative 
of a threshold stress. The activation energy for creep of the coarse grain size 
material was found to be 285 kjoules per mole. This value is nearly the same as 
that observed for the fine grain size material (Figure 4). The limited tests 
performed on the influence of anisotropy on the creep rate of coarse grain T-D 
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Nichrome reveal virtually no difference in strength with direction of testing; 
in this case the G,A.R. was about three. Again these results would suggest that 
compression creep flow in coarse grain T-D Nichrome is controlled by mechanisms 
occurring within the grains of the material. 

The two T-D Nichrome samples studied are compared in Figure 6 by plotting 
the diffusion compensated creep rate versus the modulus compensated stress. It 
can be seen here that coarse grained T-D Nichrome is considerably stronger than 
fine grained T-D Nichrome. The difference in strength is difficult to rationalize 
based on microstructural differences, but can be quantitatively correlated if a 

( 33 ) 

difference in threshold stress exists for the two materials. Whittenberger 

has presented an empirical correlation between the threshold stress and the G.A.JR. 

for several O.D.S. alloys wherein the threshold stress increases as the G.A.R. 

increases. More discussion on this point will be presented later. 

The processing of the coarse grain size material into bar lead to a highly 

textured state: a [100] texture parallel to the bar axis with the [010] and 

[00l] directions more or less randomly oriented about the [100] was obtained^^^. 

The fine grain size material, processed as plate, was much less severely textured. 

Since the modulus of T-D Nichrome is a strong function of orientation (see Figure 

3> it might be tempting to consider this factor as a possible variable in 

analyzing the creep data. Studies on fee and bcc metals, however, have shown 

rather convincingly that texture does not appear particularly important in power- 

(35) 

law creep. For instance, Barrett, Lytton and Sherby y found only a factor of 
two difference in creep rate between textured and randomly-oriented copper; 
similar results were noted for the creep rate of textured iron-silicon^^’ . In 
both instances the modulus anisotropy is quite large and similar to that observed 
for T-D Nichrome (Figure 3). This isotropic behavior in creep is, of course, expected 
since the creep rate would be dictated by the shear stress on the sample if slip is the 
principal mode of deformation. And, both bcc and fee metals exhibit many slip systems 
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allowing plip to occur at or- near the maximum shear stress direction. [Some authors use 

Ifee shear modulus in the active slip plane and direction as the correct modulus 

to use in plots' of the type given in Figures 4, 5 and 6. We believe, however, that 

the average modulus should be used based on the following argument. Dislocation 

climb is believed to be the rate controlling process in steady state creep when 

( 2 ) 

slip is the principal mode of plastic flow^ ' . The rate of climb would be dictated 
by the elastic stress fields of obstacles in the path of the moving dislocation 
(e.g. subgrain boundaries, other dislocation arrays, and even perhaps particles). 

The nature of the obstacle would be of a random form and therefore the average ob- 
stacle would likely be associated with the average modulus in the crystal.] We 
thus find strong justification for our use of the average unrelaxed polycrystalline 
modulus i,ji the dimensionless parameter cr/E in correlations of stepdy state creep 
behavior of poly crystalline materials (Figures 4, 5 and 6), 

Figure 7 compares the results of our fine and coarse grain size materials 
with those obtained by other investigators on the tensile creep of T-B Nichrome. 

Tlv 2 averaged creep behavior of Nichrome as obtained by three separate investigators 

r 37 — 39 ) 

v is also included in Figure 7. The behavior of Nichrome is typical of 

(3) 

that expected in Class II solid solution alloys . That is, the stress dependence 
is about five. Such solid solutions generally exhibit large primary creep strains; 
in 'addition, the development of equilibrium subgrain structures that are uniquely 
dependent on the stress are generally observed. Certain interesting trends can 
be noted in Figure 7. Our coarse grain size material tested in compression virtually 
superimpose on the single crystal data of Lund and Nix, as well as on the single 
crystal data of Kane and Ebert . This suggests that these materials may ex- 
hibit approximately the same micros true tural features even 



though the single crystalline materials were prepared by General Electric 

Company by directional recrystallization. Both the coarse grain and 

single crystalline materials exhibit high stress exponents at low stresses 

suggestive of the presence of a threshold stress. The remaining data, namely 

our fine grain size T-D Nichrome, the tensile creep data of Kane and Ebert , 

(41) 

and the two sets of tensile data of Wilcox and Clauer , exhibit stress 

exponents in the order of seven to ten. The difference in strength among the 

various T-D Nichrome samples must be attributed to differences in micros tructure 

and also possibly to the mode of testing (i.e. compression or tension). 

Many O.D.S. alloys exhibit stress exponents in the order of eight. In 

Figure 8 we plotted data for Cu-Al 2 0^, aU-A^O^, Mg-Mgo, Al-A^O^ and Ni-A^O^ 
(42-46) 

We also include our fine grain T-D Nichrome data for comparison. The 

data are plotted as e/D __ versus a/E where D is the effective diffusion 

err eff 

coefficient which incorporates the contribution- of lattice diffusion and - 

(22 55 - 58 ) 

dislocation pipe diffusion to the overall diffusion process^ * . The 

resulting correlation is gratifying from the viewpoint that the data at- various 

temperatures superimpose on a common line for a given material and the slope 

* 


of the resulting lines is about nine . The data for Mg-Mgo is especially 
impressive for it covers over eight orders of magnitude of the diffusion 
compensated strain rate. The original data from each investigation is given in 
the appendix; the method of determining D ^ (only for the Mg-MgO data was 
diffusion along dislocations important) is also described in the appendix. 


* Other data on O.D.S. alloys were found which were not reported. For example, 
stress- rupture data have been reported for Ni-Al^O^ alloys by Schafter, Quatinez 
and Weeton(5^). And, stress rupture data have been reported for a new CU-AI 2 O 3 
composite developed by Glidden-Durkee commercially known as Glide op ) . In both 
cases, the log stress versus log rupture time relation yielded a slope equal to 
about negative 9. These results are in quantitative agreement with those reported 
in Figure 8 since it is well accepted that e s and t are reciprocally related (i.e. 
the Grant-Monkman relation reveals that fe s = G/i where C is a constant for a 
given material). r 
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Analysis of the O.D.S. Alloys on the Basis of Constant Structure and 
Threshold Stress . 

It is our contention that many dilute dispersion hardened materials have 
within them a fine dislocation substructure, generally created by the prior 
thermal-mechanical history used in processing the material. Furthermore we 
propose that this dislocation structure is stabilized by the presence of the 
particles and is invariant with the creep stress applied at elevated temper- 
ature, This suggestion is in agreement with the absence of transient harden- 
ing or softening upon a change in stress (Figure 1). This reasoning would 
suggest that the stress exponent for such materials should be compared with 
the stress exponent obtained in constant structure tests for pure metals. 

Such tests can be performed by either strain rate change tests in constant 
strain rate tests or stress-change tests (dip tests) in creep tests^ - ^\ 
An example of such tests from a number of investigations for high purity 
aluminum is shown in Figure 9. The sub grain size which characterizes the 
constant structure for the tests performed is given for each investigation. 

As can be seen the slope is about eight rather than about five, the value 

(1-3) 

noted when steady state creep rates are plotted as a function of stress. 

These tests permit a deduction of the influence of subgrain size per se on the 
creep rate (we assume that the dislocation density within the subgrains does 
not significantly influence the creep strength).. Such tests lead to the 


development of the following phenomenological relation for the creep rate 

t, .j d ' t „ 8 

£ " K ( b } J ( E> ’ 


( 4 ) 


( 6 ) 


where A is the subgrain size and b, the burgers vector, is introduced to permit 

9 

the material constant K to be unitless. It was suggested that K = 10 for 
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high stacking fault energy materials. Equation (6) predicts that all the 

constant structure tests for aluminum shown in Figure 9 should superimpose 

when plotted as r- versus of E with a s-lope equal to eight-. This is veri- 

DA J 

fied by such a plot in Figure 10. 

It is proposed that equation (6) is applicable to explaining the strength 
of O.D.S. alloys. First, a predicted stress exponent of eight is comparable 
to the stress exponents observed for many O.D.S. alloys (Figure 8). Second, 
lattice diffusion and the elastic modulus is predicted to be important which 
has already been verified to be the case (Figures 4,6 and 8). And, third, a 
structural feature, A, is included as a potential variable to explain the high 
strength of the O.D.S. alloys. In pure metals, A is the subgrain size which 
represents the barrier distance for dislocation motion. In the case of dis- 
persion hardened materials, A can be associated with the subgrain size or with 
the particle spacing, since the latter may be an effective barrier to dislocation 
motion. The difference in strength of the different T-D Nichrome materials 
studied (Figure 7) would thus be associated with the microstructural variable A. 
We show the application of equation (6) to the O.D.S. alloys (plotted in 

Figure 8) by showing the predicted logarithm e/D versus logarithm o/E 

er i- 

curve for three specific subgrain sizes in Figure li- The correlation is 
gratifying in that the experimental curves fall within the subgrain size range 
of A = lum to O.lym. Such values of subgrain size are commonly observed in 
O.D.S. alloys after normal thermal— mechanical processing ''^’^,69, 70)^ _ 

microstructures were not evaluated in the O.D.S. alloys shown in Figure 8 
so that quantitative correlations were not possible; the fine grain T.D. 

Nichrome alloy studied in this investigation will be discussed in the next 
paragraph. Nevertheless the good correlation shown between equation (6) and 
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experimental data for O.D.S. alloys would suggest that this equation is 
quantitatively correct. 

In the following we attempt to predict the mechanical behavior of our 
fine and coarse grain T~D Nichrome on the basis of equation (6) . We will 
first analyze the fine grain size T-D Nichrome where a small threshold stress 
may exist which we will assume to be zero for our analyses. We will then 
analyze the coarse grain size T-D Nichrome where a threshold stress is intro- 
duced to assess the behavior of this material. 

Figure 12 compares the creep behavior of Nichrome and our fine grained 

_3 

T-D Nichrome. The two curves intersect at a/E = 1.5 x 10 . This value of 

o / E on the nichrome line permits us to predict the subgrain size in nichrome 
at this modulus compensated stress. This can be readily estimated from sub- 
grain size-stress relations- published for nickel^* 71,72) ^ -which we will assume 
to behave like nichrome . The nickel data are plotted in Figure 13- and yield 
X - 3b (cf/E) . Since b = 2.5A, X is calculated to be 0.5pm. This is the 
predicted subgrain size in our fine grain T-D Nichrome if equation (6) is 
applicable and if subgrain size is the important micros true tural feature for 
creep resistance in the O.D.S. alloys. Transmission electron microscopy studies 
in our fine grain size T-D Nichrome revealed a duplex structure. Subgrains 
0.6pm in size were found mostly in groups. In total volume only about 20% 
of the material consisted of subgrains. If the flow stress for creep is con- 
trolled by the subgrain network then it might be concluded that our observed 
microstructure (X = 0.6pm) agrees with our predicted microstructure (0.5pm) . The 
reason why the small fraction of subgrains observed in the as-received material 
dominates the level of flow stress will be described later. 

More positive evidence of the possible importance of subgrains on the 
creep- of- T-D Nichrome was found in our analyses of the coarse grain T-D 
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Nichrome. In this case, however, we had to consider the additional influence 

of a threshold stress. We chose a threshold stress to get the best possible 

straight line on a log-log plot, using a least squares analysis. The thres- 

-4 

hold stress value was ff /E = 5.5 x 10 and the resulting correlation is shown 

o 

in Figure I 4 . In this figure we compare the creep rate-stress relation for 
coarse grain T-D Nichrome with nichrome. The first major observation is that 
the resulting straight line yields a slope nearly equal to eight, a stress 
exponent we associate with constant structure. The second major result is the 
predicted calculation of the subgrain size. In this instance the point of 
intersection was at of E = 7 x 10 \ At this value of stress over modulus, the 
equilibrium subgrain size is X — lym (Figure 3 3) . Metallographic studies 
(Figure 15) of the as-received coarse grain material revealed a similar sub- 
structure to that observed in our fine grain T-D Nichrome. The subgrain size in 

( 73 ) 

this case, however, was equal to 1.2ym ± 0.2ym . About thirty percent 

of the material consisted of subgrains and tended to exist in clusters. The 
subgrain size observed is nearly equal to the predicted subgrain size by use 
of equation ( 6 ) and a threshold stress. This correlation attests to the 
possible validity of equation ( 6 ) modified by a threshold stress to yield the 
following generalized equation for creep of O.D.S. alloys 


e = k 


(A) 3 fl 
V 

b 


0-0 8 

t-ir*) 


(7) 


o 

where — is the modulus compensated threshold stress and K is a material 
constant equal to the constant K in equation ( 6 ) for the behavior of the 
matrix material exclusive of particles (at constant structure). We thus 
see that our approach is similar to Lund and Nix, except for one major factor. 
We consider that the strength of O.D.S. alloys can be determined by the addi- 
tive contribution of the matrix strength at a given subgrain structure state 
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(rather than steady state structure as assumed by Lund and Nix) and the thres- 
hold strength. 

Our interpretation of the results shown in Figure 14 yields an interest- 
ing new prediction. If constant strain rate tests are performed on the coarse 
grain T-D Nichrome above the intersection stress, then the stress-strain curve 
should exhibit strain hardening because the equilibrium subgrain size will be 
finer than the subgrain size for the as-received material (X - 1pm). That 

is, tests performed at strain rates and temperatures where e/D is greater 
9 -2 

than 3 x 10 cm (the modulus compensated strain rate at the intersection stress) 

(Figure 14) , -should exhibit strain hardening whereas tests performed below 
9 -2 

e/D = 3 x 10 cm should show negligible strain hardening. This prediction is 

(73) 

borne out by a test performed by Hausselt and Nix - on the same coarse grain 

12 -2 

T-D Nichrome at £/D = 4 x 10 cm . The stress-strain curve (plotted as o/E 

versus e) is shown in Figure 16 and compared to tests performed at e/D values 

below the intersection stress. The contrast in stress-strain behayior is dramatic 

12 -2 

The test performed at £/D - 4x10 cm exhibits significant strain hardening 

whereas strain hardening is seen to be negligible in other tests. Our strain- 

rate change tests, shown in the same figure, reveal the same trend. It is 

possible to predict the increase in flow stress during straining in the strain 

12 -2 

hardening region (i.e. at e/D = 4 x 10 cm ) by means of our phenomenological 

0-0 

relation, equation (7). Thus, this equation predicts that ( ° ) is proportion- 

iii 

’ _3 JQ 

al to X at constant strain rate and temperature. Hausselt and Nix showed 

12 -2 

that the subgrain size decreased from 1.2pm to 0.2pm at £/D = 4 x 10 cm . 

o-o 

This decrease leads to a predicted fractional increase of (— ' - ) equal to 
1.96. The actual increase in the threshold-modified flow stress is 2.11. 

This good correlation gives further evidence for the validity of equation (7). 
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The above discussion permits us to predict the creep behavior of O.D.S. 
alloys at elevated temperature over a wide range of stress. Equation (7) pre- 
dicts data in the stress range where the stress exponent is equal to eight. In 
this range the subgrain size is constant and equal to the as-received subgruLn 
size. At high stresses, however, that is above the intersection stress, the 
equilibrium subgrain size is finer than the as-received subgrain size and the 
subgrain size will vary with stress. In this range, the appropriate variation 
of subgrain size with stress must be introduced into equation (7), and the stress 
exponent will decrease. Thus for T-D Nichrome, the following equation should be 

used in conjunction with equation (7) , 

a-a -i 

X = 3b(- ¥ ^> . (8) 

We illustrate graphically the predicted variation of sub grain size with stress 

that we would use for describing the creep behavior of our coarse T-D Nichrome 

over a wide range of stress; this is shown in Figure 13 as solid lines. The 

data of Hausselt and Nix on the subgrain size observed in coarse grain T-D Nichrome 

0-0 

is plotted against — — in the same figure. Their data agree with our predicted 
relation: that is, the data obtained at the highest stress falls on the line 
given by equation (8), and the two lowest stress data points lie near to the 
constant subgrain size line of l]im given in the figure. These results help confirm 
our contention that the subgrain structure is about .constant in the strain rate 

change tests we performed where the maximum creep strain was e =* 0.12, and where 

* / 9-2 

e/-D was less than 3 x 10 cm . 

We have emphasized sub grains as the principal barrier to plastic flow in 

• 9 —2 

0. D. S. alloys. The creep behavior of the T-D Nichrome above and below e/D-3x 10 cm 


would appear to be strong evidence for this type of a postulate. And, we have 
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attributed the eight power law region as indication of the presence of a constant 
structure. This viewpoint, however, must be reconciled with the structural 
observation that only 20 to 30% of the initial structure consists of subgrains 
as in the case of the fine and coarse grain T-D Nichrome. It is our contention 
that the subgrain structure observed in the as-received material is a reflection 
of the barrier spacing controlling plastic flow of O.D.S. materials. In the 
regions where subgrains exist, it is the subgrain size that dictates the creep 
resistance; we noted in coarse grain T-D Nichrome that the subgrains generally 

O 

were pinned by particles, or clusters of particles, in the size range 700 to 1000A. 

In regions not containing subgrains, it is the spacing between specific size 

O 

particles (700-1000 A in coarse grain T-D Nichrome), equal to the spacing of the 
subgrain size, that controls the creep resistance. During extensive creep flow, 
dislocations would be expected to form subgrains in the originally subgrain-free 
region; the final size, however, would be no larger than the maximum subgrain size 
observed in the as-received material. In T.E.M. studies on coarse grain T-D Nichrome 
after creep deformation, we noted that subgrains would gradually develop in the sub- 
grain-free regions which help to confirm the above remarks. For example, at a stress 
o-o . 

O — q. 

of — — — = 3 x 10 , about 80% of the material consists of subgrains after 0.3 strain. 

Hi 

Another approach to understanding the creep behavior of O.D.S. alloys is to re- 
late the strength to the dislocation density not associated with subgrains. Trans- 
mission electron microscopy studies by Hausselt and Nix reveal the influence of strain 
and stress on the dislocation density. They showed that the dislocation density builds 
up rapidly in the initial one percent strain and then remains constant thereafter. 

These dislocations are likely the "geometrically necessary" dislocations initially 

(74) 

described by Ashby for dispersion hardened materials . These dislocations should in- 
hibit general dislocation motion and can lead to the small increase in flow stress 
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observed in the initial portion of the stress-strain curve (Figure 1) when 
• 9 -2 ' 

tested at £/D < 3 x 10 cm . The dislocation density was shown to remain 
constant after the first percent of strain, but to be a strong function of 
stress, increasing with increase in stress. The steady state flow stress 
of T.D. -Nichrome is not readily explained through the variation of dislocation 
density with stress. Thus, transients in the form of strain hardening or 
strain softening should be observed in change-in-strain- rate tests if the 
dislocation density is an important variable. No such transients were ob- 
served (Figure 1). The subgrain strengthening concepts presented earlier seem 
to us to be a more readily useful one in describing the creep behavior of 
O.D.S. alloys. 

r 

We noted earlier that the coarse grain T-D Nichrome creep data superimposed 
on the single crystalline T.D. Nichrome data (Figure 7). Comparison of the 

n TOX 

particle distribution in the two materials indicates they are quite similar ^ ’ 

It was decided to test our phenomenological relation (equation 7) with respect 

to predicting the creep behavior of the T.D. Nichrome data since this material 

was studied over a very wide temperature and strain rate range. The same 

parameters as used for the coarse grain T-D Nichrome data were used, namely \ 

°o -4 

was chosen to vary as given in Figure 13 and — was chosen as 5.5 x 10 . The 

resulting prediction is given by the solid lines shown in Figure 17 and the 
experimental data are given by symbols. The prediction looks remarkably good 
and suggests that the concept of a structural spacing (in this case the sub- 
grain. .size, X), which is constant at low stresses but varies with stress at 
high stresses, is probably applicable for describing the creep behavior of 
single crystalline T.D. nichrome. 

The determination of the threshold stress remains a mystery. Our analysis 
of several O.D.S. alloys in Figure 8 reveal, at least for these materials, that 
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the threshold stress, if it exists, must be quite small. Wilcox and Clauer'' * 

related the increase in high temperature strength in O.D.S. alloys by extensive 

mechanical working (by drawing) to the change in grain aspect ratio. They showed 

that the yield strength at HOO^C Lncreased with increase in where L is the 

length of the grain in the direction of testing and £ is the transverse length 

of the grain. They attributed this effect to the importance of grain boundary 

sliding to the deformation process. They reasoned that elongated grains "would 

have a lower average shear stress resolved onto the grain boundaries than the 

(41) 

equiaxed grains" and would therefore be more creep resistant . There is some 

(73) 

evidence that this concept may not be correct. For one, TEM studies on 
coarse grain T-D Nichrome have revealed that the dislocation density increased 
significantly in the first percent of straining. This suggests that the primary 
mode of deformation in O.D.S. alloys is due to the dislocation motion within the 
grains. Thus, in tension creep tests with a total plastic strain of two percent 
normally obtained, we should not expect grain boundary sliding to be the principal 
deformation mechanism. For another, if grain boundary sliding is important in 
creep of O.D.S. alloys then strong anisotropy in creep properties could be ex- 
pected; this was not observed in our studies of compressive creep in fine and 
coarse grain T-D Nichrome (Figures 4 and 5) . The remarkably similar behavior 
of our coarse grain T-D Nichrome with the single crystalline T.D. nichrome would 
also suggest that grain boundary morphology does not play an important role in 
compressive creep of O.D.S. alloys. It is our contention that the grain aspect 
ratio (G.A.R. ) is a measure of the change in microstructure that occurs in the 
sample through the thermal-mechanical processing treatment given to obtain 
various G.A.R. values. Increase in G.A.R. is usually accompanied by subgrain 
size refinement and by a change in particle morphology (and also perhaps 
in size) . Subgrain refinement would lead to strengthening of a type we predict 
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with equation (7) . The change in particle morphology and size could lead to a 
change in the value of the threshold stress. Whittenberger has shown good ex- 
perimental correlation between the threshold stress and the G.A.R. for various 
large.grain size nickel-base O.D.S. alloys. We show his results in Figure 18, 
and add to it the threshold stress for our coarse grain size T-D Nichrome. A 
threshold stress can be calculated for our fine grain size material (by im- 
proving the slope from 9 to 8) and its value is also plotted in Figure 18. The 
high threshold stress for single crystalline T-D Nichrome cannot he plotted in 
the graph since the G.A.R. , in this case, has no meaning. 

Threshold stresses have been noted in dispersion hardened systems under 

conditions dissimilar from those mentioned above. Burton^ 76 ^ worked with 

Cu-Al^O^ composites of varying alumina content (0.5, 1.0 and 1.5% Al^O^) at 

temperatures approaching 0.9T m of pure copper. He calculated threshold 

stresses which were an order of magnitude below those discussed for T-D Nichrome 

(i.e. ct/E = 0.65 to 2.32 x 10 "*) and used these values to show that Nabarro- 

Herring creep may be controlling the deformation behavior of these composites. 

He associated the threshold stress with "particles that inhibit tbe action of 

(77) 

boundaries as vacancy sinks and sources". Edwards, McNelley and Sherby 

showed that threshold stresses are observed in large volume fraction particulate 

—3 

composites (e.g. Zn-30% Al^O^) , Large threshold stresses were noted, a/E - 10 , 

and were related to the stress necessary to generate dislocations at particle- 
matrix interfaces. These large volume fraction composites exhibit properties 
that are quite dissimilar from the dilute dispersion hardened O.D.S. alloys we 
have considered. These materials exhibit yield points, serrated stress-strain 
curves, and strain aging ef fects 5 7 ^ and do not strain harden even at temper- 
atures as low as 0.29T . 

m 

There is much additional work necessary in order to understand better the 
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influence of microstructure on the threshold stress in dilute dispersion hardened 
materials. It would seem to us that our relation, equation (7), may help to 
separate the influence of subgrain size and threshold stress on the creep rate. 
For example, an experiment of the following type may provide new useful Informa- 
tion in elucidating better the creep properties of O.D.S. alloys. T-D nickel 
could be warm processed (400-700°C) to large strains at several strain rates. 

The subgrain structure could then be characterized. Creep rate stress relations 
determined for these differently processed materials could be plotted in a manner 
to eliminate sub grain-size as a variable. That is, plots of logarithm e/DX^ 
versus logarithm o / E could be made which would permit determination of the 
threshold stress for each processing condition. The end objective, then, would 
be to determine the micros tructural feature that contributes to the magnitude 
of the threshold stress observed. 


SUMMARY AMD CONCLUSIONS 

The creep of oxide dispersion strengthened alloys is shown to follow many 
of the characteristics that describe the creep behavior of pure metals and many 
solid solution alloys. Such O.D.S. alloys are characterized by creep curves 
or stress-strain curves that exhibit negligible strain hardening. Thus, one 
can consider that these materials deform plastically under constant structure. 
It is shown that many O.D.S. alloys follow the same creep relation as developed 
for the creep of pure metals at constant structure. This equation is given by. 


e - K 




D 


eff 


(-)" 

V 


( 6 ) 


where e Is the creep rate, A is the subgrain size, D __ is the effective diffusion 

err 

coefficient, a is the creep stress, E is the dynamic unrelaxed average Young’s modulus, 

n is the stress exponent equal to eight, b is the Burgers vector and K is a 

9 

function of stacking fault energy, equal to about 10 for high stacking fault 
energy materials . This equation is shown to predict the creep behavior of many 
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O.D. S. alloys inasmuch as the stress exponent of such materials is usually high, 

> 

and often nearly equal to eight (typically 7 to 10). The strength of O.D.S. 
alloys is attributed to the small value of X in equation (6), that is, to the 
small subgrain size that is generally . present in such materials and stabilized 
by the presence of the oxide particles. 

A second feature of the O.D.S. alloys is that they oftentimes exhibit a 
threshold stress below which creep apparently does not take place. The micro- 
structural feature that controls the threshold stress is not well understood 
but is often related theoretibally to the Orowan bowing stress and phenomenolog” 
ically to the G.A.R. (grain aspect ratio). When a threshold stress exists, 
equation (6) can still predict the behavior of such O.D.S. alloys by the 
following relation, 


- k <-b 


3 D eff 


Cf-Cf < 

(-^) 


(7) 


a 

where — is the modulus compensated threshold stress. 

At high stresses, the fine subgrain structure that is initially present 
in the O.D.S. alloy may be coarser than the equilibrium subgrain size expected 
for the matrix of the alloy. The creep rate in this range is then controlled 
by the normal creep relation observed for metals where the subgrain size is 
a variable with stress. That is, the creep rate of O.D.S. alloys at high 
stress is expected to follow the behavior of the matrix material devoid of 
oxide particles. In this range strain hardening is expected to dominate the 
deformation process as subgrains are refined with deformation leading to an 
increase in creep resistance. This is verified for the case of our coarse 
grain T. -D. Nichrome' (Figure 16). 

_ i 

The major conclusion- one must deduce from the analyses of the O.D.S. alloys 
done here is that such material's are controlled principally by the creep be- 
havior of the matrix materials ‘Diffusion controlled slip creep is well established 
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as the rate-controlling process in pure metals and many solid solutions at 
intermediate stresses and it is concluded that O.D.S. alloys are also con- 
trolled by the same mechanism. It is likely that the glide and climb of edge 
dislocations, associated with the subgrain structure as barriers, is the 
specific rate-controlling step. 
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APPENDIX 


It was not our Intention to make an exhaustive survey of all the elevated 

temperature creep data on oxide dispersion strengthened materials. Rather, we 

simply intended to add additional information to that gathered earlier by 

Bird, Mukherjee and Dorn^ . These authors showed that a number of O.D.S. 

materials exhibited a stress exponent of seven to eight citing principally 

the data of Wilcox and Clauer on nickel- thoria and Ni-Cr-thoria alloys. 

In our attempt to find further evidence for the high stress exponents 

observed in nickel base alloys, we uncovered the data plotted in Figure 8 which 

illustrates the creep behavior of several O.D.S. alloys including Cu-2% A^O^j 

aU-3.5% A1 2 0 3 , Mg-0.5% MgO, Al-6% A1 2 0 and Ni-3% Al^. The data indeed, give 

further evidence for a power law relation for creep of O.D.S. alloys and the 

data for individual materials fall on a common i line when plotted as logarithm of 

tj versus logarithm of o/E. In the following section, we show the 

importance of the modulus correction factor in obtaining activation energies 

that can be related to diffusion activation energies. 

In Figures A1 to A4 the raw data for each material (with the exception of 

aU-3.5% Al^O^ where data at only one temperature was reported) are plotted as 

logarithm e versus logarithm a. The activation energies, in kjoules per 

mole, are given in parentheses for each material. As noted previously for 

fine grain T.D. nichrome, these activation energies, especially at temperatures 

) 

i 

above 0.6 T , are higher than those for lattice self-diffusion, 
m 

In Figures A5 to A8, the data for each O.D.S. alloy are replotted as 

logarithm £ versus logarithm a/E. These plots reveal activation energies 

for creep which, on the average, are equal to the activation energy for lattice 

1 

self-diffusion, when data above 0.6 T are considered. 
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When data below 0.6 T are considered, the activation energy is less 

m 

than that for lattice self-diffusion. The Mg-0.5% MgO data (Figure A6) 

represents a good example showing this trend. The activation energy for 

creep diminishes with decreasing temperature below 0.6 T and at the lowest 

temperatures of testing is equal to about 95 kj . per mole. This value is 

(49) 

about two thirds of that for lattice self-diffusion (135 kj . per mole) v * and 

can be associated with that for dislocation pipe diffusion. This trend in 

activation energy variation with temperature is similar to the trend noted 

previously for pure tungsten , pure aluminum , pure zinc and pure 
(55) 

copper and suggests that the Mg-MgO data can be analyzed by means of an 
effective diffusion coefficient which incorporates the contribution of lattice 


and dislocation core diffusion to the overall diffusion process. Following 
the method used to analyze the creep data for pure aluminum^i __ is given by. 


D eff - D L + D d 200 <E> ’ 


where D T is the lattice diffusion coefficient and D, is the diffusion coefficient 
L d 

0 2 

in the core of the dislocation. The value of is given by 1.25 exp~ x L/RT cm / sec 

where Q = 135 kjoules per mole^^. The value of D, was chosen £s 0.5 exp-^d/RT 
L ^ 

2 

cm / sec where was assumed equal to 92 kjoules per mole [both an<J 

are reasonable values based on dislocation pipe diffusion studies in other metal 
systems] . Thus, the effective diffusion coefficient chosen for analyzing 
the Mg-0.5% MgO data, and used in Figure 8 >was selected as 


„ . -135 /RT , . nri , -92/RT.a' 

D e ^ = 1.25 exp + 100 exp (— ) 


where R is in units of kjoules per mole. 
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The resulting correlation shown in Figure 8 for the Mg-0.5% MgO data is 
impressive. A straight line, with n = 9, is obtained with excellent correla- 
tion of all the data from 0.46 to 0.90 T . It is of interest to note that the 

m 

steep slope noted in Figure A6 at the two lowest temperatures (n equals about 

eleven) is decreased to n = 9 in Figure 8. This is because of the contribution 

of dislocation pipe diffusion to the overall diffusion process through the 
a 2 

term (— ) which describes the increase in dislocation density with stress. 

Ci 
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Table I 



Orientation 


— _2 
) ■ D(cm 


o (MFa>kai 


Longitudinal 

900°C 

8xl0" 3 

1.5xl0~ 4 
1.5x10“ 5 


1000°C 

1.5xl0' 2 
1. 5xl0~ 4 
1.5x10“® 


1100°C 

8x10“ 3 
7 . 6xl0“ 4 
7.4x10“® 


1200 °C 

1.5x10“ 5 
1.6xl0“ 4 
1.6x10“ 3 


1200°C 

1. 6x10”® 


900°C 

1.5x10“® 
1.5x1 0~ 4 

1.6x10“ 3 


1000°C 

1. 6x10“® 
1.6x10“ 4 
1.8x10“ 3 

Short .Trans- 

, 900°C 

9x10“ 3 

verse 


1.4xl0“ 4 

1.4x10“® 


. 900°C 

1.14x10“® 
5.87x10“® 
3. 0x10“ 4 
1.27x10“ 3 


1000°C 

8x10“ 3 
1. 5x10“ 4 
1.6x10“® 
2. 9x10“ 4 
1.24x10“® 


1100°C 

8x10“ 3 

r 


8x10“® 

l.osxio*® 

6x10“ 5 
3.14xl0“ 4 
1.2x10“ 3 



1200° C 

JU • /VJ. V/ 

1.5x10“® 
1 . 6xl0~ 4 

Long Trans- 

900 °C 

7xl0~ 3 

verse 


1.4x10“ 4 
1.4x10“® 


1000°C 

8x10“ 3 
1. 5xl0“ 4 
1.6x10“® 


1100° C 

8x10“ 3 


8x1 0~ 4 
8xio~® 


2.9xl0 10 (204.8)29.7 1.2 

5.4x10® (135.1)19.0 0.8 

5.4xl0 7 (118.6)17.2 0.7 

5.4x10® (173.7)25.2 1.08 

"5 . 4xl0 7 (106.8)15.5 .67 

5.4x10° ( 83.4)12.1 .52 

4x10® (110.3)16. .77 

4x10 7 ( 73.1)10.6 .51 

4x10® ( 62.0) 9.0 .43 

1.5x10® ( 42.0) 6.1 .34 

1.6x10° ( 52.4) 7.6 .43 

1. 6xlQ 7 ( 68.2) 9.9 .55 

( 40.7) 5.9 .33 

5.4x10' (113.8)16.5 .67 

5.4x10® (150.0)21.7 .88 

5.5xl0 9 (191.0)27.7 1.13 

5 . 8xl0 6 ( 95.5)13.8 .60 

5.8xl0 7 (112.7)16.35 .43 

6.0x10® (136.2)19.75 .85 

3 . 3x10“" (241.3)35.1 1.42 

5x10® (138.0)20.0 .81 

5x10 7 (120.0)17.4 .70 

5. 1x10 7 (103.0)14.9 6.07 

2.7x10° (133.5)19.37 7.9 

1.36xl0 9 (162.6)23.59 9.6 

5. 75xl0 9 (189.6)27.49 1.12 

2.9xl0 9 (150.0)21.75 .93 

5.4xl0 7 (100.0)14.55 .63 

5.8x10® ( 70.7)10.25 .44 

l.xlO 8 (114.5)16.6 .71 

4.5x10® ( 71.7)10.3 .47 

4x10° (108.3)15.7 .75 

4x10® ( 63.4) 9.2 .44 

6.5xl0 5 ( 58.0) 8.38 .42 

3x10® ( 70.0)10.2 .5 

1.6xl0 7 ( 87.0)12.6 .62 

6xl0 7 (105.0)15.23 .75 

1.4xl0 5 ( 34.1) 4.95 .28 

1.6x10® ( 39.0) 5.6 .31 

2.6xl0 10 (244.0)35.35 1.42 

5x10® (143.1)20.75 .84 

5x10 7 (108.2)15.7 .64 

2.9xl0 9 (154.4)22,4 .96 

5 . 4xl0 7 (102.4)14.85 .64 

5.8x10® ( 70.0)10.15 .44 

4x10® (114.8)16.65 .80 

4x10 7 ( 93.1)13.5 .65 

4x10® ( 62.0) 9.0 .43 
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Table II 


Tabulation of High Temperature Compression Data on Coarse grain T-D Nichrome 


• —1 — —2 -3 

Orientation Temp. e(sec ) D(cm ) g (MPa) ksi g/E(10 

Longitudinal 1000°C 4. 83x10” 3 1.42xl0 9 (171.7)24.9 1.07 

2.33xl0“ 4 6.9x10; (144.1)20.9 0.90 

2.37xl0” 5 7x10® (134.5)19.5 0.84 

1000°C 4 . 8x10” 3 1 . 42x10° (177.2)25.7 1.10 

2.3xl0“ 4 6.8xl0 7 (147. )21.32 0.92 

2.11x10 5 6.25x10° (137.9)20. 0.86 

1100°C 5.7lxl0“ 3 2.38x10° (134.5)19.50 0.94 

2.68xl0“ 4 1.12xl0 7 (111.7)16.2 0.78 

Transverse 1175 °C 2. 9 3x10“ 5 3.86xl0 5 (99.3)14.4 0.77 

1.18xl0“ 5, 1.36xl0 5 ( 97.2)14.1 0.76 

1100°C 4. 75x10” 3 1.98xl0 8 (137.2)19.9 0.96 

2. 3xl0~ 4 9.6xl0 8 (120.0)17.4 0.84 

9.25xl0- 6 3. 9x10“* (110.0)15.9 0.76 

900° C 6. 3x10” 3 1 . 84x1 0 10 (238.0)34.5 1.4 

1.24x10” 3 3.63xl0 9 (203.4)29.5 1.2 

3 . 0x1 0“ 4 8.8x10° (182.0)26.4 1.07 

3- 0x10” 3 8. 8x10 7 (162.0)23.5 0.96' 

1. 45x10“-* 4.3xl0 7 (164.1)23.8 0.97 

900 °C 2 . 6xl0” 4 7.6xl0 8 (182.7)26.5 1.08 

2. 64x10“ 5 7.7xl0 7 (162. )23.5 0.96 

1000°C 6.26X10” 3 1.85xl0 9 (180.0)26.1 1.12 

1. 23x10“ 3 3. 64xl0 8 (160.6)23.3 1.0 

2 . 9 3xlO” 4 8. 7xl0 7 (144.8)21.0 .9 

2. 98x10“ 3 8. 8xl0 6 (134.4)18.5 .84 

1. 2 1x10” 3 3.58xl0 6 (131.7)19.1 .82 
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Figure X. A typical change in cross head speed test for coarse grain size 
T-D Nichrome- Negligible strain hardening during straining was 
observed except in the first one to two percent strain* 






Figure 2. Logarithm of the flow stress, a, is plotted against logarithm of 
the strain rate for fine grain T-D Nichrome at various tempera- 
tures. The average activation energy for creep noted (398 kjoules 
per mole) is considerably above that for lattice self-diffusion 
in. Nichrome f285 k joules per mole) ^8) ^ 
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TEMPER ATU RE (°C) 


Figure 3. Dynamic modulus data for ni chrome containing thoria particles as .a 
function -of temperature* The solid line is for poly crystalline 
T-D Nichrome^ 2 ^-* The curves for E [110] and E flOQ] were obtained 
for directionally re crystallized D-S Nichrome^O). The E [111] curve 
was calculated by us from "the E [110] and E [100] .data by standard 
relations ^1) . The nearly perfect superposition of the curve for 
the poly crystalline sample with the E [110] -curve indicates that the 
poly crystalline material is representative of a random polycrystalline 

aggregate (32) . 




1200 C 

0 Longitudinal 

Short transverse 


( ) Activation energy 
in Kj per mole 

0 QV g = 27Di42 kj/mole 


FINE GRAINED 
T-D NICHROME 


to *- 
a/E 

ogarithm of the modulus compensated flow stress is plotted agai 
ogarithm of the strain rate for fine grain T.D. Nichrome at var 
emperatures . The average activation energy for creep noted (27 
joules per mole) is about equal to that for lattice self diffus 
n nichrome (285 kioules per mole) ^ . 










0/E 


Figure 5., Logarithm of the modulus compensated flow stress is plotted against 
logarithm of the strain rate for coarse grain T. D. Nichrome at 
various temperatures. The average activation for creep noted (285 
kjoules per mole) is equal to that for lattice self-diffusion in 
nichrome^ 2 ®) . 
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07 E 

Figure 6. Logarithm of the modulus compensated flow stress is plotted against 

logarithm of the diffusion compensated strain rate for fine and coarse 
grain T. D. Nichrome. The coarse grain material is seen to be stronger 
than the fine grain material and appears to exhibit a threshold stress 
at low stresses. Diffusion data from reference 28 and modulus data 
from reference 29. 





Figure 7, Creep data on T. D. Nichrome from various investigations are plotted 
as £/D versus a/E. The compression creep data of our investigation 
reveal that the coarse gi;ain T. D. Nichrome is about equal in strength 
to the single crystalline material (33. B. Nichrome) studied by Lund 
and Nix< 16 ) and Kane and Ebert The average creep behavior of 

nichrome studied by three separate investigators is also shown 

for comparison. 
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Figure 8. Comparison of the creep behavior of fine grain T. D. Nichrome of this 
investigation with other O.D.S alloys ^ ‘ gy means of a diffusion 

compensated creep rate and a modulus compensated stress. The diffusion 
data were obtained from references 47-51 and the modulus data from 
references 52-54. The internal consistency of the above data suggests 
a common deformation mode for these O.D.S. materials which must 
incorporate the importance of elastic modulus and matrix diffusion on 
the creep process. The data given above also illustrates that the 
average stress exponent for creep is high and equal to about nine in 
contrast to a value of five for pure metals and many solid solution 
alloys. 
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6 8 10 


Constant structure creep tests' y on high purity aluminum conducted 
by several investigators. The subgrain size for each test condition 
is shown in the graph and was obtained from reference 62. These 
constant structure creep tests reveal that the stress exponent is 
much above five and more nearly equal to about eight. 
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Figure 10. The constant structure creep tests of Figure 9 are replotted as 

logarithm e/D/i versus logarithm oj E where X is the subgrain size. 

The data' superimpose on a common curve attesting to the proposal that 
£ a\-* at constant diffusivity and modulus compensated stress. The 
slope of the above curve reveals that the stress exponent is about 
equal to eight. 






% 

Figure 11. The creep data for various O.D.S alloys (taken from Figure 8) are 
compared with phenomenological equation (6) for three different 
subgrain sizes. The experimental curves fall within the subgrain 
size range of X - lytn to A = O.lym. . Such values of A are typical 
of O.D.S. alloys, suggesting that equation (6) appropriately describ 
the influence of subgrains on the creep rate of many O.D.S. alloys. 
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Figure 12. 


Comparison of the creep behavior of fine grain T.D. Nichrome with 
nichrome. The curves intersect at a value of ct/E - 1.5 x 10“^. 

At this modulus compensated stress, the subgrain size is calculated 
to be O.Sym (see Figure 13.)- 




Figure 13. 


a-a 



for c oarse grain T.D. Nichrome and zero for the nickel data. The 
nickel data was used to estimate the subgrain size in -nichrome as a 
function of a/E. 





Figure 14, Comparison of the creep behavior of coarse grain T. D. Nichrome with a _ a 
nichrome. The coarse grain T. D. Nichrome is plotted as a/E and as - v . - ° 
where 0 ° is the modulus-compensated threshold stress (equal to 5.5 x 10" ). 

The latter plot yields a' stress exponent of eight, intersects tne 
m* chrome curve' at °~ a o = 7 x 10 . At this modulus compensated stress 

“1 

the ,sub grain size is 1.2ym (see Figure 13). 





Figure 15. Transmission electron micrograph of as-received coarse grain T.D. 

Nichrome showing a region where subgrains were noted. The average 
subgrain size in such regions (representing about thirty percent 
of the material) was 1.2pm ± 0.2ym. 
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cr/E 


Figure 16. 



Compression true stress-true strain curves for coarse grain T. D. 

Nichrome plotted as modulus compensated stress versus strain. 

Negligible strain hardening is observed if the value of e/D is 
below the intersection stress (Figure 14), i.e., below e/D = 2 x 10 9 cm _2 . 
At e/D values above the intersection stress, strain hardening 
dominates the stress-strain curves. This observation is in agreement 
with our prediction that a constant structure exists at low stress 
but will be refined at high stresses where the equilibrium subvrain 
S * Z ?73? finer than the original subgrain size, data from Hausselt and 
Nix'- > and change in strain rate tests from this investigation. 
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CREEP STRESS, MPa 


Comparison of the creep behavior of single crystalline T.T3. Nichrome 
data of Lund and Nix'^°' with phenomenological equation (7). The 
subgrain size variation with stress used in the equation was that 
given in Figure 13 as the solid line. The modulus compensated threshold 
stress -was chosen as 5.5 x 10"4 and the modulus and diffusion data were 
taken from references 28, 29 and 30. The predicted behavior as ^given by 
the lines agrees remarkably well with the experimental data. 
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80 



GRAIN ASPECT RATIO 


Figure 18. Threshold stress for various nickel base alloys at 1093 a C as a function 
of grain aspect ratio* as given by Whittenbergex^'' . The threshold 
stresses for our fine and coarse grain size T. D- Nichrome materials 
plotted as solid symbols for comparison. 
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Figure Al. Flow stress-strain rate relation for copper-2% alumina composite 
The average activation energy for creep is about 250 kjoules per 
mole which is above that for lattice self diffusion in copper 
(195 kjoules per mole)C*7). 






The average activation, energy for creep above 0.6 T m is 175 kjoules 
per mole which is above that for lattice self diffusion (135 kjoules 
per mole) The activation energy below 0.5 T m is 92 kjoules per 

mole which is about equal to that for dislocation pipe diffusion (95 
kjoules per mole). 





Figure A3. Flow stress-strain rate relation for aluminum-6% alumina composite. 

The average activation energy for creep above 0.6 T m is 165 kjoules 
per mole which is above that for lattice self diffusion iq, aluminum 
(140 kjoules per mole) ^ >50) . 






0\ MPa 


Figure A4. Flow strtess'-s train relation for nickel-32 alumina compositel 46 ke 
average activation energy for creep is 285 kjoules per mole, which 
is equal to that for lattice self diffusion in nickel^). 







Figure A5. Modulus compensated, flow stress-strain rate relation for copper- 
2% alumina composite. The average activation energy is 180 kjoules 
per mole, wh-ch is about equal to that for lattice self diffusion 
in copper (195 kjoules per mole) (47) . 
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Figure A6. Modulus compensated flow stress-strain rate relation for magnesium- 
0.5% MgO composite £^%he average activation energy for creep is 
about 135 kjoules per mole above 0.6 T™, which is equal to that for 
lattice self diffusion in magnesium^ &e average activation energy 
for creep is 95 kjoules per mole below 0.5 X , which is about equal 
to that for dislocation pipe-diffusion. 





cr/'E 

Figure A8. Modulus compensated flow stress-strain rate relation for nickel- 
' 3%- alumina composite average activation energy for creep 

,>is -about 255 kjoule's per mole, which is -slightly below- that for 
self-diffusion dn nickel (285 kjoules per mole) - This can be 
related to the contribution of pipe diffusion at temperature 
below 0.6 T . 
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